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ABSTRACT 
As polymer films become thinner, approaching the coil size of the polymer chains, 
the properties of the films are seen to deviate from the bulk. For the purpose of 
product design and quality control, understanding the thickness dependence of the 
properties of polymer thin films has become more and more important. This is espe-
cially true in microelectronics applications where the thin films are reaching this limit . 
In this thesis, the influences of (1) the interactions at the polymer-substrate interface 
and (2) the conformation of the polymer chains caused by the solvent quality on the 
dynamics associated with the viscosity of polymer films supported by a substrate are 
studied using a recently developed method that is uniquely suitable for nanometer 
films. 
The interfacial interaction between the polymer and substrate could influence 
the movement of polymer chains and thereby impact the dynamics and equilibration 
process of polymer thin films. For example, poly(methyl methacrylate) (PMMA) 
is known to have strong interactions with silicon. The glass transition temperature 
( Tg) of PMMA films supported by silicon also displayed a corroborative increase 
above the bulk Tg with decreasing film thickness. To investigate the effect of this 
interfacial interaction on the viscosity of the films, the thickness dependence of the 
v 
viscosity of PMMA thin films supported by silicon was studied. The results show 
that the viscosity of PMMA thin films increases as the film thickness decreases. A 
two-layer model was developed, with a bulk-like layer stacked on top of a slow layer 
at the substrate, consistent with the well-known fact that PMMA interacts strongly 
with silicon. 
In addition to the interfacial interaction, the conformation of polymer chains in 
thin films , in particular the entanglement density, can affect the equilibration process 
and viscoelastic properties. The entanglement density in a film has been shown 
to depend on the quality of the solvent used in the spin-coating process to make the 
film. The effect of adjusting the solvent quality, leading to the change of the structural 
properties of polystyrene films, on the way they approach equilibrium upon annealing 
above the Tg, is examined. 
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Chapter 1 
Motivation 
1.1 Motivation for Studying the Thickness Dependence of 
the Properties of Polymer Thin Films 
Microelectronic devices manufacturing is now pushing its limit to nanometer scale. 
Several layers of copolymer or homopolymer thin film are used in lithorgraphy and 
nanoimprint processes [1 , 2] to produce nano-scale patterns. The feature size varies 
from several nanometers to hundreds of nanometers. However , a significant amount 
of research has shown that the dynamic properties of polymer thin films deviate from 
those of bulk at thicknesses below 100 nm, while the direction and extent of the 
deviation is unclear. This causes challenges in the nano manufacturing process, such 
as difficulties in quality assurance, uncertainty in materials selection, high try-out 
errors and so on. Therefore it is important to study the thickness dependence of the 
properties of polymer thin films. 
In polystyrene (PS) films coated on silicon, for example, as the film thickness is 
decreased to below 100 nm, the glass transition temperature ( Tg) decreases notably 
with decreasing film thickness [3, 4]. The mechanism of this phenomenon is still under 
debate. One popular explanation is the layer model [5]. In this model, polymer 
1 
films are assumed to be composed of several layers. The top layer, found in some 
experiments to be several nanometers thick and located at the free surface, is more 
mobile than the bulk, while the layer close to the substrate could have a different 
viscosity from the bulk as well. Whether it is more mobile or less mobile than the 
bulk depends on the interaction between the polymer and the substrate. 
In the previous experiments conducted in our group [5], we found that the viscosity 
of PS films deviates from the bulk. To explain this, we proposed a two-layer model 
consisting of a homogeneous mobile layer at the free surface (with viscosity 'r/t and 
thickness ht) and a bulk-like inner layer (with viscosity 'r/b and thickness hb = h- ht)· 
In the experiment, the relaxation rates of the capillary modes was measured, which 
are directly related to Mtot, the total (flow) mobility of the film. T he total mobility 
is given by: 
(1.1) 
where hb and ht are the thickness of the bottom layer and top layer, respectively, 'r/b 
and 'r/t are the viscosity of the bottom layer and top layer, respectively. The first two 
terms are simply the mobility of individual layers (denoted by Mb and Mt below) if the 
other layer were absent. The third is a coupling term, which under t he experimental 
conditions is always negligible. So this result shows that Mtot ~ Mb + Mt. From the 
measurement of PS films discussed above, Mtot is almost always dominated by either 
Mt or Nib . Specifically, the dynamics of thick polystyrene films behave the same as 
the bulk, where Mtot ~ Mb. But as the films get thinner and thinner , the mobile 
layer may dominate and cause the dynamic property of the films to be different from 
the bulk, where Mtot ~ Mt. The detailed discussion of the two-layer model is in 
Secion 4.2 
2 
Given that the layer model explains the mechanism of polystyrene films very well, 
I will use the technique of measuring the viscosity with Atomic Force Microscopy 
(AFM) to examine if the layer model, with modifications as appropriate, may be 
used to explain the dynamics of the other polymer film systems that have been found 
to behave differently than the bulk. One system we are studying is poly(methyl 
methacrylate) (PMMA) coated on silicon. Like PS supported by silicon, the Tg of 
PMMA films had also been found to exhibit deviations from the bulk when the film 
thickness was decreased below 100 nm [3, 4, 6-8]. What is interesting is that the 
direction of the deviations depends on the substrate. For PMMA cast on gold, the Tg 
decreases as the film thickness decreases. However, for PMMA films cast on silicon 
covered with native oxide, the Tg contrarily increases with decreasing film thickness. 
The different thickness dependence in Tg has been attributed to the hydrogen bonding 
that PMMA may form with silicon oxide but not with gold [3]. Specifically, the 
hydrocarbon bond of PMMA has a strong tendency to form hydrogen bonds with 
silicon oxide. The formation of such bonds may reduce the mobility of the monomers 
closed to the substrate surface and cause the Tg to increase. 
This inspires me to investigate the mobility of PMMA supported films, where the 
Tg was found to show an obvious dependence on the substrate. To this end, I shall 
measure the viscosity of the films with different thicknesses, supported by silicon, 
then apply the layer model by assuming a less mobile layer at the substrate. The less 
mobile layer is expected to reduce the mobility of the film. It will be interesting to 
see if we may extract the thickness dependence of the mobility of the films and the 
model parameters of individual layers, such as the layer thickness and mobility. The 
experimental results and discussion is in Chapter 5. 
3 
1.2 Motivation for Studying the Effect of Solvent Quality on 
the Dynamics of Polymer Thin Flims 
The conformation of polymers from solvent with different qualities will impact 
the conformation of polymers in the as-cast films through the spin-coating process. 
In particular, the polymers are more compact in a bad solvent, so the inter-chain 
penetration is expected to be smaller than the melt at equilibrium. (The definition of 
solvent quality and how it can be justified can be found in Section 6. 1. ) Furthermore, 
during spin-coating, the rapid vertical shrinkage of volume from a solution to a thin 
film forces the polymers to form an oblate conformation. This can potentially lead 
to a residual in-plain stress in the film and alter the aging behavior of spun-cast films 
below the Tg [9- 11]. Recently, Raegen et al. [10] studied the aging rate of polystyrene 
(PS) films made through the spin-coating process from solutions composed of good 
to near-theta solvents. They found that the aging process dramatically speeds up as 
the theta condition was approached. On the microscopic level, the entanglement of 
the film increases as the e temperature is approached, while on the other hand the 
size of the residual in-plane stress is expected to decrease. This result shows that the 
effect of entanglement on the aging behavior dominates that of the residual stress in 
films prepared at a near-theta condition. 
The fact that the preparation temperature during the spin-coating process can 
affect the solvent quality suggests that we can change the conformation of the polymer 
by changing the preparation temperature. We envision that this can affect how films 
reach equilibrium in two diametrically opposite ways. For the films spun-cast at low 
temperatures, the polymer chains in the films overlap little. The lesser degree of 
entanglement can, on the one hand, cause the dynamics to speed up. On the other 
hand, the chain's conformation is farther away from the equilibrium conformation so 
4 
it may take a longer time to reach the equilibrium state. In the present study, we shall 
examine which effect dominates. In addition, we shall also examine whether the newly 
equilibrated films have the same dynamic properties. This is motivated by a previous 
study by our group [12] , in which the polymer (polystyrene) chains were found to 
adsorb irreversibly to the (silicon) substrate. If the binding between the polymer 
and substrate occurred before equilibration completed, part of the initial, out-of-
equilibrium polymer conformation might be locked-in and affect the final equilibrium 
state. For more detailed results and discussion, please go to Chapter 6. 
5 
Chapter 2 
Overview of Polymer Physics and Polymer Thin 
Films 
2.1 Polymers 
2.1.1 Definition and typical structure of polymers 
From the plastic bottles to the dendrimers for tissue engineering, polymers are 
playing an important role in our daily life. The most common polymers we use every 
day are plastic products, such as synthetic fibers for clothing, water bottles, plastic 
laptop cases, and internal vehicle decorations. Polymers also improve the quality 
of life by supporting important functions in some high-tech products. For example, 
polyphenylene vinylene is used in organic solar cells to produce electricity from light. 
In the lithium-ion polymer battery, the lithium-salt electrolyte is held in a solid 
polymer composite such as polyethylene oxide or polyacrylonitrile, which contributes 
to the advantages of flexible shape, high reliability and lower cost. Polyethylene, 
polyurethane, polyethylene terepthalate, polyacetal and poly(methyl methacrylate) 
are typical polymeric biomaterials used in bone replacement, vascular grafts, dental 
bridges, artificial ligaments, bone cement and so on [13] . 
6 
CH3 I 
-+cH2-c-J: H H \ n 
C==O I I -+cH©-+n I c-c 0 
\ I I 
CH3 H H 
(a) (b) (c) 
0 H 0 H H 
11~1~1111 C--~~~~~--C--0--r--r--0 
H H H H H 
(d) 
Figure 2.1: Structure of (a) Polystyrene, (b) Poly (methyl methacrylate), (c) Polyethylene 
and (d) Polyurethane [14- 17]. 
Polymers are macromolecules composed of many chemical units known as monomers. 
Monomers are structural repeating units of polymers that are connected to each other 
by covalent bonds. Figure 2.1 shows the chemical structure of common polymers. 
Polymerization is a commonly used process to synthesize polymers by linking 
monomers together t hrough covalent bonds. The number of monomers in a polymer 
molecule is called the degree of polymerization, N. We define the molar mass M of 
polymers by the degree of polymerization times the molar mass of monomers: 
M = N X Mmon· (2.1) 
Because t he degree of polymerization of individual molecules composed of syn-
thetic polymer is not evenly distributed, people use number-average molar mass Mn 
and weight-average molar mass Mw to describe the molar mass characteristic of poly-
7 
mers [14]. Mn is defined as the ratio of first to zeroth moments of the number fraction 
distribution, and Mw is defined as the ratio of the second and the first moments of 
the number fraction distribution: 
(2.2) 
(2.3) 
where m0 is the zeroth moment of the number fraction distribution, m 1 is the first 
moment of the number fraction distribution, m 2 is the second moment of the number 
fraction distribution, N is the degree of polymerization, nN is the number fraction of 
molecules containing N monomers each, Mn is the molar mass of molecules with N 
degree of polymerization, eN is the mass of molecules with N degree of polymerization 
per unit volume, and c is the total mass concentration. 
The ratio of the weight-average and number-average molar mass is defined as the 
polydispersity index (PDI): 
PDI = Mw (2.4) 
Mn' 
The larger the PDI, the broader the molar mass distribution is. For natural 
polymers , such as protein, the PDI equals to one which means the molecules are 
perfectly monodispersedp [14]. The PDI of synthetic polymers is usually bigger than 
one. 
In addition to the chemical density of monomers in polymers, polymer architecture 
and polymers microstructure also determine the properties of polymeric systems. 
Polymers are classified into three kinds based on their architecture: (1) the linear 
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Figure 2.2: Schematic architectures of different polymers [18]. 
polymer, which is a single chain without side chains, (2) the branched polymer, with 
side chains attached to the main chain backbone, and (3) the network polymer, which 
has high degree of crosslinking among chains [14]. Figure 2.2 illustrates the three 
polymer architectures schematically. 
A polymer microstructure is the organization of atoms along the chain that is fixed 
in the polymerization process. Some polymers have the same chemical composition 
but different microstructure. They are known as isomers. There are mainly three 
kinds of isomers: sequence, structural and stereo isomerism. In the sequence iso-
merism, the sequence of functional groups attached to the backbone is different. Two 
sequence isomeric structures of polypropylene are show in Figure 2.3 from ref [14]. 
In the head-to-head isomer, the CH3 groups of two adjacent monomers are attached 
to adjacent carbons along the chains backbone. In the head-to-tail isomer, there is a 
CH2 in the backbone between the CH3 groups of adjacent monomers. 
The different ways that dienes can be polymerized give distinguishable microstruc-
tures in the structural isomerism, such as cis-, trans-, and vinyl- polybutadiene shown 
in Figure 2.4 [14]. 
In the stereo isomerism, the side groups are attached to the backbone carbon atom 
in different ways. If the backbone carbon atoms are aligned in a zigzag conformation 
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Figure 2.5: Schematic diagram of t he poly (methyl methacrylate) of different tacticity [14] . 
along the same plane, the side groups could sit in the same or different side of the 
backbone. The order of side groups sitting on the backbone is defined as the tacticity 
of the polymer. Figure 2.5 [14] demonstrates t he three kinds of tacticity of PMMA. In 
isotactic poly (methyl methacrylate) (PMMA) , i-PMMA, the side groups (COOCH3 ) 
are on the same side of the chain. In syndiotactic PMMA, s-PMMA, the side groups 
alternate regularly. In atactic PMMA, a-PMMA, the arrangement of side groups is 
completely random. 
2 .1. 2 Polymer size definition and measurement 
The conformation state of macromolecules is the relative special position of atoms 
and atomic groups of a long chain in a single molecule. It can be changed by some 
physical treatment , such as thermal or mechanical methods, but the microstructure 
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and architecture of molecules do not change through those approaches. We consider 
the chains with no interaction among monomers (those are far away in the long chain, 
even if they approach closely in space) as ideal chains. In real situations, the polymer 
chains usually interact among themselves and with the solvent around them. This 
will be discussed in Section 6.1 in detail. Polymer chains seldom behave as ideal 
chains, but there are still several kinds of polymeric systems with nearly ideal chains. 
To understand the different conformations of polymer chains, a polyethylene 
molecule is used as an example. Its schematic conformations are shown in Figure 2.6. 
The distance between carbon atoms, l = 1.54A, and the angle between neighboring 
bonds, called the tetrahedral angle , 8=68° are almost constant. ri is the bond vector, 
which goes from atom Aj_1 to atom Aj of the backbone. The parameter deciding the 
conformation and energy of the polymer chains is the torsion angle, 'ljJ (see Figure 2.6). 
Trans state with 'ljJ = 0° is the lowest energy state, because the separation of hydro-
gen atoms is largest when 'ljJ = 0°. The second minima energy states are gauche-plus 
(g+) with 'ljJ = +120° and gauche-minus (g-) with 'ljJ = -120° [14]. The trans and 
gauche states are determined among neighboring monomers. In a long chain, there 
are many combinations of trans and gauche. This results in a large number of possible 
conformations in a macromolecule with different energy states. 
Beside the architecture of polymers, we also use the end-to-end vector to describe 
the characteristics of an ideal chain. The end-to-end vector is the sum of all n bond 
vectors in a long chain: 
n 
Rn = :Lri, (2.5) 
i=1 
where fi is the bond vector from back bone atom Ci-1 to Ci, see Figure 2.6. 
Different polymer chains have different bond vectors resulting in different end-to-
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Figure 2 .6: Schematic conformations of three adjacent C-C bonds m a polyethylene 
chain [14]. 
end vectors. The mean-square end-to-end distance is defined as: 
in which all the bond vectors have the same length l = lfil , () is the tetrahedral 
angel, and ( ) denotes the ensemble average, an average over all possible states of the 
system. 
Because there are many conformations in a long polymer chain due to the different 
combination of trans and gauche states, people employed several chain models to 
characterize the properties of polymers in a simple and suitable way. One of the 
most common models of an ideal polymer is the freely jointed chain model, with 
(cos()iJ) = 0 fori =1- j, a constant bond length l = lril and no correlation of different 
bond vectors [14] . In this model, the mean-square end-to-end distance is: 
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(2.7) 
However , most polymers are not in an ideal condition. For typical polymer chains, 
there are correlations between bond vectors and (cos eij) -=/= 0 . The mean-square 
end-to-end distance can be deduced as: 
(2.8) 
n n 
where Cn is Florys characteristic ratio, given as Cn = ~ L L (cos eij). For a large 
i = l j= l 
number of main chain bonds (n -too ), Cn saturates at a finite value, C00 . Different 
polymers have different Cn values. The polymers with bulkier side groups tend to 
have a higher Cn value, due to the big side groups sterically inhibiting bond rotation. 
For example, Coo for polystyrene is 9.5, Coo for poly (methyl methacrylate) is 8.2 
[14]. They both have big side groups . The mean-square end-to-end distance for long 
polymer chains is approximated as: 
(2.9) 
A simple unified descript ion of all ideal polymers is provided by an equivalent freely 
jointed chain which involves N freely-jointed effective bonds of length b. The effective 
bonds of length b is called Kuhn length. It is usually used in polymer physics to 
describe t he bond length. The mean-square end-to-end distance can be described by: 
(2. 10) 
The end- to-end distance can be used to characterize the size of a linear polymer. 
This does not apply to the branched polymer or ring polymer, because they either 
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have too many ends or have no ends. The concept of radius of gyration is introduced 
to characterize polymers with any architecture. It is defined as t he average square 
distance between monomers in a given conformation and the polymers center of mass: 
(2.11) 
where R is the position vector of a monomer and R;m is the position vector of t he 
center of mass. For ideal linear chain, t he radius of gyration is related to the mean-
square end-to-end distance: 
(2.12) 
2.2 Glass Transition 
2.2.1 What is the glass transition? 
Glass is formed by cooling a liquid fast enough to avoid crystallization. In a 
continued supercooling process, the viscosity of t he liquid increases dramatically, and 
to some extent , the liquid freezes continuously into a non-crystalline solid: glass. This 
transition process of a liquid turning into glass is called the glass transit ion. But it 
is not a phase transition with a well-defined transition temperature [15]. After the 
liquid passes through the glass transition, the system falls out of equilibrium, and if 
its relaxation time is too long, it can not equilibrate within a given amount of time. 
At t he glass transition, the Maxwell relaxation t ime 'T is changed by two to three 
orders of magnitude, usually between 100 sand 0.1 s [16]. In other words, the system 
slows down once it enters the glassy state. The effect is shown directly in a rapid 
drop of heat capacity Cp from a liquid-like value to a bulk-like value as t he kinetic 
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energy of the molecules reduces dramatically. Researchers consider the decrease of 
heat capacity during cooling (usually between 40 and 100% of the vibrational Cp [16]) 
and increase during reheating as the primary signal of transition between ergodic and 
nonergodic states [16]. 
There are many ways to define the glass transition temperature, Tg. Some re-
searchers [15 , 17, 18] define Tg as the temperature when the viscosity of a liquid 
equals to 1012 Pas. In this case, it is defined as the temperature at which the Cp be-
gins to increase flCp during heating, usually at the rate of 10 K/min. Figure 2. 7 from 
Angell [17] demonstrates the typical changes of heat capacity, viscosity, enthalpy, re-
laxation time and excess entropy at the glass transition. The Tg also depends on the 
cooling rate, with the Tg slightly lower if the cooling rate is slower. Dyre et al. [15] 
drew a picture of the enthalpy during cooling and subsequent reheating to illustrate 
this phenomenon, see Figure 2.8. 
Besides heat capacity, another fundamental property that changes at the glass 
transition is viscosity. The viscosity of a liquid increases as the temperature decreases . 
During supercooling, the enthalpy of system drops and the viscosity increases dramat-
ically while approaching the Tg. Therefore, the point where the viscosity increases 
to a significant value (usually ?: 1012 Pas ), overlaps with the time that Cp starts to 
have a rapid drop (see Figure 2.7). Following the well-known Vogel-Fulcher-Tammann 
(VFT) equation [5, 19- 21], the viscosity can be expressed as: 
'fl = 'fl0 exp[B j(T- To)], (2.13) 
in which B is a constant and T0 varies in different liquids. After studying 30 differ-
ent substances, Angell [19] found that the T0 value happened to be the Kauzmann 
temperature, T K , of the liquid system with a variance of 2% [22] . The Kauzmann 
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Figure 2. 7: (a) Change of heat capacity of ethanol from glassy state to liquid state at Tg. 
(b) Increase of log viscosity and log enthalpy relaxation time from liquid to 
glassy state at Tg. (c) The excess entropy of liquid over crystal disappeared 
upon cooling below the glass transit ion without change of heat capacity [17]. 
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Figure 2.8: Schematic drawing of enthalpy and heat capacity of a liquid under super 
cooling and reheating with different rates. A is fast cooling. B is relative slow 
cooling [15]. 
temperature is the theoretical temperature at which the configurational entropy of 
an ergodic vanishes during a supercooling process [19]. The VFT equation can also 
be rewritten as [16]: 
(2 .14) 
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The parameter D demonstrates how closely the liquid systems perform following the 
Arrhenius law (D = oo ). In the Arrhenius law, it is expected that the temperature 
dependence of viscosity will follow 'fl rv exp(l:iE/kBT) [23], as it is generally believed 
that the barriers to be overcome by thermal fluctuations could determine the dynamics 
of the system [24]. However it only works for a few liquids. Most of t he viscous 
liquids obey the VFT equation. The famous" Angell Plot" (Figure 2.9) demonstrates 
the viscosity of various viscous liquids at different t emperatures normalized by Tg. 
The systems following the Arrhenius law are plotted in the straight lines, termed 
"strong". The data that deviates from the straight lines, termed "fragil" , follows the 
VFT equation. 
Although VFT gives a good explanation of the non-Arrhenius behavior for most 
liquid systems, it does not work for some temperature ranges or some polymers need-
ing modifications to adapt to the pattern predicted by VFT. For example, VFT 
equations are not valid for polystyrene at temperatures below 350 K [25, 26]. 
2.2.2 Conventional methods for measuring the glass transi-
tion temperature of bulk polymers 
The most commonly used method to measure the glass transition temperature 
( Tg) is Differential Scanning Calorimetry (DSC) based on the change in heat capacity. 
The cut samples of 10-20 mg are placed in a sealed aluminum pan, cooled down and 
equilibrated at a certain temperature to remove the thermal history, then heated up to 
a temperature above the melting temperature ( T m) , usually over 200 °C, at a constant 
rate from 1 to 60 oC/min. Each t hermogram is analyzed at the beginning, middle 
and end of glass transition to determine the Tg. The principle for DSC is studied 
by Shawe [27] , and details of DSC operation, calibration and effect of measurement 
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F ig ure 2.9: Angell fragility plot showing the temperature dependence of viscosity of liq-
uid systems. Arrhenius law is plotted as the straight line, the liquids whose 
behavior close to the Arrhenius law are considered strong liquids with big D 
values; those behaviors further away from Arrhenius law are considered fragile 
liquids with small D value. The insert plot shows the heat capacity change of 
t he liquid compared to that of crystal at glass transition. In general, the more 
fragile the liquid is, the bigger the Cp jump would be, even if some exceptions 
exist [16]. 
parameters can be found in Mazurin and Rahmans papers [28- 31]. Figure 2.10 from 
Mazurin (29] shows a typical DSC thermogram. Besides Tg, we can also extract 
the crystallization temperature (Tc) and melting temperature ( T m) from the DSC 
thermogram. 
Dynamic mechanical analysis techniques (DMA) are used more and more fre-
quently in testing the virtrification phenomena in bio-materials. Biologists study the 
mechanical properties of the complex mixture of synthetic polymers, small poly hydric 
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Figure 2.10: Example of a DSC thermogram at heating rate of 5 °C/min [29]. 
compounds and water molecules. The mechanical properties of the samples, such as 
shear modulus and compliance, are used in t he DMA measurement to extract the 
Tg value. In the DMA measurement, a force is applied to the sample through a 
motor, then the mechanical spectra of complex shear modulus or compliance calcu-
lated through the deformation of the sample is measured at fixed temperature inter-
vals. Finally, the time/frequency dependence of the modulus is obtained. Using the 
temperature-time relationship, we can generate the four zones of viscoealstic behavior 
published by Grott et al. [32] . The modulus changes, including the storage modulus 
( G') , loss modulus ( G") and tan {J ( G' / G"), where G' and G" are t he components of 
the complex shear modulus ( G* = G' + iG"), during the transit ion from glassy to 
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spaghetti [28]. 
rubbery zone are measured to calculate Tg [33]] . Figure 2.11 from Rahman et al. [28] 
shows the typical temperature dependence of G', G" and tan 8. There are t hree ways 
to define glass transition in this method: (1) when a shift or change in the slope of 
G' occurs (transition from solid to rubbery); (2) at the peak of G" is observed; (3) at 
the peak of tan 8 (liquid behavior dominates over solid). The Tg measured from the 
change of the slope G' is significantly lower than the value from tan 8 in some car-
bohydrate polymers, such as in the cases of protein and starch [33, 34]. Researchers 
have found that the testing frequency varying from 0.002-10 Hz has no significant 
effect on the glass transition [28, 33]. 
Thermomechanical Analysis (TMA) determines the Tg of a material by looking 
at the specimens dimensions (length or volume) as a function of temperature while 
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Figure 2.12: Tg of Fiberite 934 (tetraglycideyl-4, 4-diaminodiphenyl methane resin) 
epoxy system with different exposure time determined by TMA dimension 
change [36]. 
under a constant mechanical stress. The thermal expansion coefficients can be deter-
mined and how they change with temperature will be monitored. More details about 
conducting the experiment can be found in Harris et al. 's publication [35]. Zhou et 
al. [36] demonstrated how they determined the Tg of an epoxy through the TMA 
graph they obtained (see Figure 2.12). Two tangential lines representing the trends 
of discontinued dimension change versus temperature before and after glass transition 
were drawn. Their intersection was defined as Tg. 
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2.2.3 Methods for measunng the glass transition tempera-
ture of substrate supported polymer films 
Ellipsometry is an optical technique to characterize the thickness and index of 
refraction of a thin film, and also the most common way to measure the glass transition 
temperature of a thin film. By examining the change of the polarization state of light 
reflected off or transmitted through a thin film sample, the film thickness can be 
measured [3, 4]. Usually the measurement scale is from several angstroms to several 
micrometers. In this study, we focus on the films under 100 nm. According to Clough 
et al. 's [37] procedure, to measure the Tg of the polystyrene thin film deposited 
on SiOx-Si substrate, after some pretreatment, such as thermal annealing, the thin 
film was then placed on the ellipsometer at 140 oc for 10 min before it underwent 
temperature ramps down to 36 oc at a rate of 1 oc /min. Several cycles of reheating 
and cooling at the same rate were conducted. The ellipsometric angles w and ~' were 
monitored during the process , which describe the relative amplitude decay and phase 
change, respectively, of two perpendicular linear polarization states. Equation 2.15 
shows the relationship of complex reflectance ratio, p, measured by the ellipsometry, 
and the ellipsometric angles. 
p = lp = tan(w)eib.. 
Is 
(2.15) 
where p means the light is polarized parallel to the plane of incidence, named p-
polarized, s means the light is polarized perpendicular to the plane of incidence, 
named s-polarized. lp and Is indicate the amplitudes of the p and s components 
after reflections and normalized by their initial value, respectively. 
For ultra-thin polymer films , the glass transition temperature is determined by 
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F igure 2.13: Ellipsometry angle \II and~ as a function of temperature for 30 nm thick 41K 
PS (i.e., polystyrene with Mw = 41 kg/mol) coated on a 5K PS brush (i.e. a 
surface covered with an end-grafted layer of PS with Mw = 5 kg/mol) [37]. 
dw jdT or dl:::./dT versus temperature plots. Figure 2.13 and Figiure 2.14 from Clough 
et al. s experiment [37, 38] show a typical Ill and 1:::. raw data and the temperature 
dependence of the derivative, dw /dT. In Figure 2.14, the plot is fit into three linear 
lines representing three regions: glassy state (low temperature), rubbery / liquid (high 
temperature) and intermediate transition region. The Tg is determined as the mid-
point of the transition region. 
X-ray reflectivity has been used successfully to measure Tg in thin supported 
films [39]. The Tg is defined based on the change of the thermal expansion coefficient 
D'-th of the polymer. More detailed operation procedure can be found in Weber et al. 's 
research measuring the Tg of polystyrene films decorated with gold nanoclusters (40]. 
Researchers also developed other techniques to measure Tg such as positron annihi-
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Figure 2.14: Demonstration of how Tg is determined by the d\I! j dT versus temperature 
plot. The data is from 30 nm thick 41K PS coated on a 5K PS brush [37]. 
lation lifetime spectroscopy [41], optical waveguide spectroscopy [42] and capacitance 
measurement [43, 44]. 
2.2.4 Tg dependence of films with different thickness 
A significant amount of research has shown that the dynamic properties of polymer 
thin film deviate from those of bulk. Figure 2.15 from Forrest et al. [39] shows the 
compilation of Tg dependence of polystyrene (PS) films with thickness from 6 nm to 
500 nm, and molecular weight varying from 63 K to 2900 K. For the majority of the 
PS thin films, as the film thickness is decreased to below 100 nm, the glass transition 
temperature ( Tg) decreases notably with decreasing film thickness. This effect has 
been proved by different Tg measurement methods such as ellipsometry [3] , X-ray 
reflectivity [40], positron annihilation lifetime spectroscopy [41], optical waveguide 
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Figure 2.15: Compilation of Tg values for supported PS films with thickness from 500 nm 
down to 6 nm [39]. 
spectroscopy [43] and capacitance measurement [43]. As the molecular weight of 
PS in Figure 2.15 spans a wide range of 46 t imes in difference, t he effect of the 
chain confinement is overcome by the ultra-thin top layer on the film free surface 
with enhanced mobility. This is supported by the popular explanation: the bilayer 
model [5]. In this model, polymer films are assumed to be composed of two layers. 
T he top layer, found in some experiments to be several nanometers thick and located 
at the free surface, is more mobile than the bulk while the bottom layer, comprising 
t he rest of the film, is bulk-like. 
The mobile layer is not the only factor affecting the film dynamics. Like PS 
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supported by silicon, the Tg of poly(methyl methacrylate) (PMMA) films had also 
been found to exhibit deviations from the bulk when the film thickness was decreased 
below 100 nm [3, 4, 6- 8]. What is interesting is t hat the direction of the deviation 
depends on the substrate. For PMMA films cast on gold substrate, the Tg decreases as 
the film thickness decreases, see Figure 2.16 from Ref [3]. However, for PMMA films 
cast on silicon covered with native oxide, the Tg contrarily increases with decreasing 
film thickness, the relationship is demonstrated in Figure 2.17 from Ref [3]. The 
different thickness dependence in Tg has been attributed to the hydrogen bonding 
that PMMA may form with silicon oxide but not with gold [3]. Specifically, the 
hydrocarbon bond of PMMA has a strong tendency to form hydrogen bonds with 
silicon oxide. The formation of such bonds may reduce the mobility of the monomers 
close to the substrate surface and cause the Tg to increase. 
2.3 Viscosity 
2.3.1 Viscoelastic properties of polymers 
2.3.1.1 Concept of viscoelasticity 
It is widely understood that if a stress is applied to deform a perfect elastic material 
within a suitable range , the work done is stored as the energy of deformation. Once 
the applied stress is removed, the energy will be completely released and the material 
reverts instantly to its original shape. This mechanism can be well described by 
Hookes law of elasticity: 
CJ = CE, (2. 16) 
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where e5 is the stress, E is the strain and c is the modulus , which could be tensile or 
shear modulus , represented byE and G respectively. 
On t he other hand, if a stress is applied to a perfect viscous liquid , the work done 
on it is dissipated as heat due to the frictions among molecule chains, and t he liquid 
will not recover its original state. This mechanism can be well described by Newtons 
law of viscosity: 
(2.17) 
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where rJ is the viscosity of the liquid, V is the velocity and y is the direction of the 
velocity gradient. For a velocity gradient in the x-y plane, 
(
dVx dVy ) 
axy = ''7 dy + dx ' (2.18) 
where~ and~ are the velocity gradients in they and x directions, respectively. 
Figure 2. 18 illustrates the velocity gradient in the y direction. 
For polymers, one of the most interesting features is that given a temperature 
and the experimentally chosen time-scale, t he polymers display all t he intermediate 
range of properties between an elastic solid and viscous liquid . In other words, they 
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Figure 2.18: The velocity gradient in they direction [45]. 
have a complex combination of elastic and viscous properties. This behavior is called 
viscoelasticity [45]. If the applied strain E or rate of strain f. to the polymer is very 
small , the resulting stress will be linearly dependent onE and f. . We call this behavior 
linear viscoelasticity. The formulation of linear viscoelasticity is given as: 
(2.19) 
where G is the shear modulus, assuming the shear stresses related to strain and 
strain rate are additive. 
2.3.1.2 Creep 
Creep is the time-dependent change in strain following a rapid change in stress. 
The response to two levels of stress for linear viscoelastic materials is shown in Fig-
ure 2.19. The total strain E is the sum of three essentially separate parts: E1 the 
instantaneous elastic response strain, in the process of elastic response when some 
energy is stored in the material; E2 , the delayed elastic deformation, meaning the 
response strain develops gradually, in which some energy stored is recoverable; E3 , the 
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Figure 2.19: Deformation of a linear viscoelastic solid after Ref [45]. 
Newtonian flow associated with viscous flow behavior, in which a small amount of en-
ergy is dissipated as heat and not recoverable , once stress is released. For crosslinked 
polymers, the dissipated energy due to viscous flow is very small and can be neglected, 
but for uncrosslinked polymers, there is a certain amount of flow-dissipated energy. 
The material discussed in this case shows linear behavior and the magnitudes of 
E 1 , E2 and E3 are proportional to that of the applied stress. So that we define the creep 
compliance J ( t) as the summation of the three stages J 1 , J 2 and J3 corresponding to 
E1 , E2 and E3 , which is a time dependent parameter: 
(2 .20) 
Linear amorphous polymers show a significant J3 at the temperature above their glass 
transition temperature, when creep may continue until segments rupture. While at 
lower temperatures, J 1 and J2 dominate. However , the cross-linked polymers do not 
show a J 3 term, which means their deformation is fully recovered after the stress is 
released. 
In order to get some insight of the creep process, we plot t he logarithm of creep 
compliance against the logarithm of time over a wide time scale in Figure 2.20 from 
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Figure 2.20: The creep compliance J(t) as a function of time. T 1 1s the retardation 
time [45]. 
Ref. [ 45]. At a very short time, the compliance is that for the glassy state and is 
independent of time. It is typically 10-9Pa -l. At a very long time, when the poly-
mer is rubbery-like, the compliance of the polymer is time independent again. The 
compliance of polymer in the rubbery state is typically 10- 5pa-1 [45]. Between these 
two stages, the polymer shows viscoelastic behavior. We can define the retardation 
time T 1 in the middle of the viscoelastic stage to characterize the time-scale for creep. 
2.3.1.3 Stress Relaxation 
In the case of stress relaxation, an instantaneous strain is applied to a linear 
viscoelastic polymer. The initial stress will be proportional to the strain, but will 
decrease over time at a rate characterized relaxation time T 1 • For amorphous linear 
polymers at high temperatures, the stress may decay to zero at the end. Figure 2.21 
from Ref. [45] demonstrates the stress relaxation of a linear viscoelastic polymer. 
Similar to the creep, we define stress relaxation modulus G(t) = CJ(t)/E to demon-
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Figure 2.21: Stress relaxation of linear viscoelastic polymer [45]. 
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Figure 2.22: Stress relaxation modulus G(t) as a function of time, t. T is the relaxation 
time] [45] . 
strate the differences among different stages: glassy, viscoelastic, rubber-like and flow 
(see Figure 2.22). The relaxation timeT is of the same magnitude as the retardation 
time T 1 in creep. But these two are identical only for the simpler models [45]. 
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Figure 2.23: Schematic representations for (a) Maxwell and (b) Kelvin model [45]. 
2.3.1.4 Maxwell and Kelvin model 
The viscoelastic properties can usually be explained by the Maxwell and Kelvin 
(or Voigt) models [45]. An array of Kelvin models in parallel is used to simulate 
creep. An array of Maxwell models in series is used to simulate stress relaxation. 
Both models are composed of elastic springs and viscous dashpots. The schematic 
representation of the two models is shown in Figure 2.23 [45]. 
The stress-strain relations for the spring and dashpot are 
(2.21) 
where the stress 0"1 and the strain E1 are related to the spring, and 
(2.22) 
where the stress 0"2 and the strain 0"2 are related to the dashpot. 
We can calculate the stress-strain relations in the Maxwell model: 
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dE 1 do- 0" 
-= - -+-
dt Em dt 'T/m' 
(2.23) 
from which we can derive Equation 2.24 from the Maxwell model showing that the 
stress decays exponentially with a characteristic time constant: relaxation time T = 
(2.24) 
For the Kelvin model, a spring with modulus of Ek is in parallel with a dashpot 
with viscosity of 'T/k· Once a constant stress is applied, the spring will not expand 
simultaneously, as it is retarded by the dashpot. Then the extension varies at different 
rates, and the stress is shared between the spring and the dashpot. After a long 
enough time, the spring will reach a finite maximum extension. When the stress is 
released, there is no instantaneous retraction. But the initial unstretched length will 
be recovered [45]. 
The stress strain relationship of this system is: 
(2.25) 
To further solve the equation to get the stress-strain relationship as a function of 
time, we have: 
E = ~[1- exp( -tjr')]. 
Ek 
(2.26) 
where the retardation time r' = Jf; . This represents the rate at which the 
deformation occurs. 
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2.3.2 How to measure the viscosity of bulk polymer? 
The ultrasonic pulse echo method is one of the methods commonly used to mea-
sure the viscosity of polymer melts in-line during the extrusion process which allows 
manufacturers to optimize their production [46]. This measurement can be performed 
in high temperature and high pressure and it has been widely used in industry [47]. 
Polymers in both solid and molten states can be measured using t his technique [48] . 
The mechanism of getting viscosity data is demonstrated by Figure 2.24 from Ref. [49] . 
The polymer melt is between two piezoelectric tansducers: the pulser and the receiver. 
A longit udinal wave propagates from pulser to receiver. When it reaches the poly-
mer melts, it will be partly transmitted and partly reflective back. The ultrasound 
velocity v is calculated by [49, 50]: 
'U = 2l/ !:1t , (2.27) 
where l is the polymer melt thickness and !:1t is the measured time delay between the 
neighboring echoes A 1 , A 2 , A3 . Ultrasonic viscosity rJ is found from [49]: 
(2.28) 
where pis the density of t he polymer and w is the angular frequency. a is given by: 
a= - (1/2l)20log[(l / r 2)(An+l - An)], (2. 29) 
in which r is the reflection coefficient through the polymer/piezoelectric transducer. 
Other commonly used methods for viscosity measurement involve the use of a 
viscometer, specifically designed according to t he working principal the method is 
based on. These include rheometry, capillary viscometric method, t he rotational 
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Figure 2.24: The schematic diagram showing the mechanism of ultrasonic measurement: 
S is the polymer sample, l is the thickness of the sample [49]. 
viscometric method and the vibratory viscometric method. 
A rheometer is one of the most commonly used laboratory devices to measure the 
viscosity of bulk polymer in small quantity. It is based on how a liquid, suspension or 
slurry flows in response to the applied forces. The rheometers are usually classified 
based on the forces applied. The rheometers controlling the applied shear stress 
or shear strain are called rotational or shear rheometers. The rheometers applying 
extensional stress or extensional strain are called extensional rheometers. 
The viscosity rJ is defined as [51]: 
(2.30) 
where a is the shear stress and e is the shearing speed. The measured viscosity 
depends on the flow conditions when it is measured, such as shear rate and fre-
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quency [52]. In order to record the flow lines e = f(a) or a= f(e) , which forms the 
basis of the rheometry calculation, three basic rheometers are used for thermoplastic 
materials: (1) Capillary rheometers with a bore or slot , (2) rotational rheometers 
with a cylindrical shearing gap, (3) rotational rheometers with a plane-parallel or 
wedge-shaped shearing gap [51]. Capillary r heometers are usually sui table for highly 
viscous polymeric melts, while rotational rheometers are more frequently used for 
fluids with a low viscosity, such as a polymer solution. 
Extensional rheometers are performed on the materials subjected to a tensile 
deformation [53]. This deformation is very common during materials processing, such 
as injection molding, fiber spinning, extrusion, blow-molding and coating flows [53]. 
Details of measuring extensional viscosity can be found in Maia et al's paper [54]. 
The capillary viscometric method is based on how fast the liquid flows through a 
capillary tube. This method is widely used to measure the viscosity of petroleum. Fig-
ure 2.25 from Cannon et al. 's study [55, 56] shows a typical viscometer for petroleum 
product. The viscometer is first positioned inversed vertically, then the liquid is 
sucked into the right arm of the viscometer, until the two small bulbs on the right 
capillary arm are filled with liquid. After filling, the viscometer is revolved to its 
normal vertical position and placed in the constant-temperature bath. While the 
liquid drains into the lower reservoir, the effiux time is captured measuring the time 
required for the liquid surface to pass from the mark between the two bulbs to the 
mark below the lower bulb. The viscosity is calculated by multiplying the effiux time 
in seconds by the viscometer constant. The evaluation of the viscometer constant is 
presented in Cannon et al. 's paper [55]. 
Rotational viscometers are designed based on the idea that the torque used to 
rotate an object in a liquid is a function of the viscosity of the liquid. The torque 
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Figure 2.25: The schematic picture of a typical viscometer for petroleum product [55]. 
required to rotate a disk or bob in a liquid at a know speed is measured [57] . 
Vibrational viscometers use the idea of measuring the viscosity damping of an 
oscillating electromechanical resonator immersed in a liquid to calculate the viscosity 
of the liquid. In general, the higher the viscosity, the stronger the damping imposed 
on the resonator. There are several common methods to measure the resonators 
damping characteristic. One can measure the necessary power input to keep the 
oscillator vibrating at the same amplitude, or the decay time of the oscillation once 
the excitation is turned off. Mert et al. designed an apparatus to generate shear 
deformations in the fluid [58]. Oscillations are generated by the harmonic varying 
force applied to the system through a piston. The viscosity retarding force to the 
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oscillatory motion is used to calculate the viscosity. 
2.3.3 Methods others have used to measure the viscosity of 
polymer thin films 
The viscometer methods usually need a relatively large block of polymer sample 
with thickness > rv 1 mm to conduct the experiment. However , they are not applicable 
for the polymer films whose thickness is thinner than several hundred nanometers. 
Dewetting properties [59 , 60] can be used to measure the viscosity of polymer thin 
films supported by the substrate. It is based on the concept that polymer films 
that are often unstable will form cylindrical holes (exposed substrate) after a certain 
amount of thermal annealing (see Figure 2.26 [61]) , and the growth speed of the radius 
of the dewetting holes is related to the viscosity of the film. Two factors determine 
the formation of the holes: the disjoining pressure and the Laplace pressure. When 
the first derivative of the disjoining pressure, r = -dtlGjdh is positive or G"(h) is 
negative, (where G is the effective interface potential) the long-wavelength thermal 
fluctuation at the polymer free surface can spontaneously become amplified. While 
the Laplace pressure, related to the surface tension 1 and the local radius of curvature, 
tends to diminish the fluctuations. If t he disjoining pressure dominates over the 
Laplace pressure, the fluctuation can grow significantly and impinge on the substrate, 
and then form different patterns [62, 63] or holes [63, 64]. Local depression nucleation 
caused by defects can also stimulate the hole formation. After the dewetting hole is 
formed, its growth rate, or velocity, V = dR/ dt (R is the mean radius of the dry 
region in Figure 2.26) is constant while the capillary driving forces are neutralized by 
the viscous forces. The characteristic fluid velocity is a function of viscosity, given 
by [60]: 
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V* = 'Y /1J (2.31) 
where 'Y is the surface tension. In the cases [60] where the width of the rim, l, is much 
smaller than R, there is a simple relationship between the reduced velocity, V /V*, 
and the equilibrium contact angle Be: 
V/V* = (1/12LJ2)e~, (2.32) 
where L is the logarithmic factor of order of 10 [60]. One can deduce the viscosity 
of the film from Equation 2.31 and Equation 2.32. It should be pointed out that the 
above relationship will no longer hold when the size of the rim, l, is larger than the 
capillary length , r;;- 1 ~ 1 mm. 
X-ray photon correlation spectroscopy (XPCS) is a newly developed method to 
examine the small-scale surface wave of the polymer films. By studying the film 
thickness, wave vector and t emperature dependence of the capillary wave relaxation 
time for supported polymer films above its Tg, one can determine the viscosity of 
polymer thin films [65, 66]. During the measurement , an X-ray beam was shone on 
the polymer film surface, and the off-specular diffused scattering from the polymer 
surface was recorded with a direct-illumination charge-coupled device (CCD) cam-
era. Figure [65] illustrates the experimental setup, typical CCD image and its fit to 
capillary wave model. The polymer surface is partially coherently illuminated by the 
X-ray beam, which leads to a speckled scattering pattern changing in time as the sur-
face modes undergo random thermal fluctuations. The normalized intensity-intensity 
time autocorrelation function, g2 , is a function of relaxation time T: 
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Figure 2.26: The typical image of dewetting holes of polymer films after a certain amount 
of annealing (top). The cross section of a dewetting hole (bottom) [60]. 
92 = 1 + {3exp(-2tjT) , (2 .33) 
where f3 is the speckle contrast. The relaxation time, T, which characterizes the 
equilibrium surface height fluctuations , is given by [65]: 
(2.34) 
where rJ is the viscosity, 1 is the surface tension, qll is the in-plane wave vector , F and 
H are defined as : F = sinh(quh) cosh(quh) - qllh and H = cosh2 (q11h) + q[h2 , where 
h is the film thickness. One can obtain the film viscosity ( rJ) by fitting T ( qll) / h versus 
q11 h and using TJ /1 as the fitting parameter and fixing 1 at the value known from the 
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Figure 2.27: (a) Reflectivity geometry of experimental setup for XPC; (b) Time-averaged 
diffuse scattering from CCD image; (c) The fitting of CCD image of polymer 
sample with thickness of 84 nm at 160 °C to capillary wave model. The axes 
are labeled by pixel numbers [65] . 
literature [67] . 
2.3.4 Method used in our group to measure the viscosity of 
polymer films 
Our group developed yet another way of measuring the viscosity of polymer thin 
films by capturing the t ime evolvement of the film topography. The tapping mode 
Atomic Force Microscopy (AFM) is used to capture the surface topography of the films 
at different t imes upon annealing at a temperature above the Tg. By model-fitt ing the 
surface morphological change to the surface capillary wave theory (discussed below), 
the viscosity and equilibration time of the films can be deduced. Details of the 
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method has been reported by Peng et al. [68]. In brief, to analyze the data obtained 
by AFM, the topographic image collected at annealing time, t, was multiplied by a 
Welch Function then Fourier transformed, and followed by radial averaging to give 
the Power Spectral Density (PSD). Our previous research [5, 69] shows that when 
the film roughness is much smaller than its thickness, the PSD (A~ ( t)) at annealing 
time, t, is given by: 
A~ (t) =A~ (0) exp (2wqt) + [ G" (~): {q2 ] (1- exp (2wqt)) (2.35) 
where kB is the Boltzmann constant, Ta is the annealing temperature, his film thick-
ness , Wq is the relaxation rate of the surface capillary mode with wavevector q, and 
G(h) and 1 are respectively the van der Waals (vdW) potential and surface tension 
of the film. Safran et al. had derived an expression for Wq by solving the Laplace 
transformation of the Navier-Stokes equation in the lubrication approximation [70]: 
(2.36) 
where TJ( w) is the viscosity of the film (which is frequency-dependent as the film 
may be viscoelastic) appropriate for the Laplace formulation [70]. For ( unentan-
gled) polymer films with Mw below the entanglement molecular weight, Me (which 
is about 20 kg/mol for PS), their dynamics is like that of simple liquids , where 
TJ ( w) is a constant , the relaxation rate, Wziq, of the surface capillary modes of sim-
ple liquid films can be derived straightforwardly from Equation 2.36, to be wziq = 
-(h3 /3TJ)[(d2G(h)/dh2 )q2 + {q4] [5]. For entangled films where Mw > Me, the films 
are viscoelastic and show elastic behavior prior to exhibiting the liquid behavior, TJ 
increases linearly with time as TJ = 2p,0 t (~-to is the shear modulus of the film in the 
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rubbery (elastic) state). After a characteristic relaxation time, Tr, the films enter the 
liquid state with viscosity TJ _ f.toTr. The dynamic behavior is characterized by the 
Maxwell liquid model [14] for which rJ(w) = f.to/(w + wr), where Wr rv 1/Tr [70]. By 
substituting rJ(w) = f.to/(w +wr)in Equation 2.36, we get: 
Wtiq Wq = --...!.---
1- WtiqTr 
(2.37) 
We study the evolution of the film surface by analyzing its timed sequence of 
PSDs acquired by AFM. In particular, we first fit the high-q segment of the PSDs 
to kB/'·yq2 [71] to get "! by fixing Ta and varying 'Y· The value obtained is typically 
between 0.029 and 0.032 Jjrn2 , consistent with the literature surface tension of PS 
films above the Tg , 0.03 Jjrn2 [67]. Afterward, the PSDs are fitted over the whole 
q-range to Equation 2.35 by treating TJ as the only fitting parameter, and fixing all the 
other parameters, such ash and d2G(h)/dh2 , to either the experiment ally determined 
or theoretically calculated value [72]. It is important to point out that there is a 
difference between the viscoelastic properties measured through our method and the 
other AFM-based measurements [73- 75]. For most AFM-based techniques, the probe 
tip actively perturbs the film surface to create a mechanical response, while in our 
method, the probe passively monitors the surface topography of the films arising from 
the thermal excitation of surface capillary modes. 
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Chapter 3 
Experiment 
3.1 Thin film preparation using spin-coating 
3.1.1 Preparing substrate 
Single crystal ( 001) silicon wafers covered by a 102 ± 5 nm thick thermal oxide 
were used as the substrate supporting the thin films. They were cut into 1 em x 
1 em slides and cleaned in a piranha solution (a mixture of sulfuric acid and hydrogen 
peroxide in 7:3 volume ratio) at 140 oc for 18 min., followed by rinsing with deionized 
water and drying by 99.999% nitrogen. Then the substrates were further cleaned in 
oxygen plasma for 25 min. After this process, we consider the substrate sufficiently 
clean and ready to use. 
3.1.2 Preparing supported films 
Polystyrene (PS) was purchased from Scientific Polymer Products (Ontario, NY). 
Its molecular weight is 212 kg/mol and polydispersity index (PDI) is 1.06. Poly(methyl 
methacrylate) (PMMA) was purchased from Polymer Source Inc. We use PMMA 
with two different molecular weights: Mw =2720 gjmol (PDI=1.09) and Mw =1 2.4K 
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gjmol (PDI=l.08). They are both atactic PMMA with tacticity (i:h:s) of 7:24:69 
and 2:19:79, respectively. A previous study [8] on the Tg of isotactic, atactic and 
syndiotactic PMMA reported a similar tacticity of the atactic PMMA used in their 
experiment. To make the polymer thin films, we first dissolved the polymer in a sol-
vent such as toluene, then filtered the resultant solution through a PTFE filter with 
nominal pore size of 0.1 p,m (Fisher Scientific Co.) Polystyrene or PMMA films were 
deposited on the substrates by spin casting. The substrate was placed at the center 
of the spin-coater then several drops of polymer solution were put on the substrate. 
The substrate was then spun between 2000 to 4000 revolutions per minute. The 
thickness of the thin film was adjusted by changing the rotation speed and solution 
concentration. 
3 .1. 3 Annealing films 
The prepared supported films were annealed on a hot plate at temperatures above 
its glass transition temperature. In order to observe the time evolution of surface 
capillary waves discussed in Section 2.3.4, after a desired amount of annealing time, we 
quenched the sample to the room temperature by quickly placing it on a metal piece 
before AFM measurement. Because the high heat conductivity and big mass of the 
metal piece relative to the thin film, the temperature will drop to room temperature 
within a second. In order to determine the exact surface temperature of the hot 
plate, the viscosity of a reference sample of bulk PS film, annealed on the hot plate 
of PMMA films, was recorded. The measured viscosity was then matched against 
a table of theoretical bulk viscosity of PS to determine the corresponding operating 
temperature of the hot plate that would produce the same viscosity value. 
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3.2 Atomic force microscope (AFM) operation 
Atomic Force Microscope (AFM) NanoScope provided by Veeco Instruments Inc. 
is used to capture topographic image of the polymer film sample. The AFM consists of 
a cantilever with a sharp t ip at the end to scan the sample surface. When the tip moves 
closed to the sample surface (usually down to nanometer level), the interaction forces 
between the tip and the sample surface result in a deflection of the cantilever which is 
measured by a laser spot reflected from the top surface of the cantilever. During the 
measurement, the cantilever is externally oscillated close to its fundamental resonance 
frequency. The changes in oscillation of the cantilever compared to the external 
reference oscillation provide information of the sample surface. Figure 3.1 [76] shows 
the essential elements of an AFM in operation. There are three imaging modes: 
contact mode, non-contact mode and tapping mode. They are differentiated by the 
distance between the t ip and the sample, in other words, whether the t ip is in touch 
with the sample surface or not. 
Tapping mode is selected in this measurement. It operates by scanning a tip 
attached to the end of an oscillating cantilever across the sample surface, in which 
the tip maps t he sample surface by lightly "tapping" the surface and contacting 
the surface at the bottom of its swing. The cantilever is oscillated slightly below 
its resonance frequency with an amplitude ranging from 20 nm to 100 nm. The 
advantage of tapping mode is that it can prevent the t ip from sticking to the surface 
(a problem in contact mode) while keep the probe tip close enough to the sample for 
short-range forces to become detectable (non-contact mode will lose the information 
of short-range forces). Figure 3.2 [77] is the schematic drawing of the feedback loop 
electronics of tapping mode AFM. The feedback loop maintains a constant oscillation 
amplitude and a constant t ip-sample interaction is maintained during imaging. The 
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Figure 3.1: Schematic illustration of t he working of Atomic Force Microscopy [76]. 
vertical position of the scanner (z) at each (x,y) data point is stored by the computer 
to form the photographic image of the sample. 
3.3 Residual layer measurement 
Research shows that upon extensive annealing PS chains in a film supported on 
silicon will be pinned on the silicon surface irreversibly [12]. This results in a residual 
layer when the annealed film is rinsed and sonicated. In this experiment, we realized 
the residual films by first preparing the PS films as described in the experimental 
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Figure 3.2: Schematic drawing of feedback loop electronics of tapping mode AFM [77]. 
Section 3.1 then annealed them at a temperature above the Tg, such as 130 oc for 
several days. Following our previous group members [12] , we thoroughly rinsed the 
films with toluene before we soaked the films in a fresh toluene bath 3 times for at 
least 30 minutes. This way, any polymers that were not absorbed onto the substrate 
should be removed. The thickness of the residual layer was measured by ellipsometry. 
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Chapter 4 
Thickness dependence of viscosity of polystyrene 
(PS) films on silicon substrate 
4.1 Chemical structure of polystyrene 
Polystyrene is an aromatic polymer which is one of the most widely used plastics. 
Some of the daily products made of polystyrene are CD and DVD cases, smoke detec-
tor, disposable cutlery, packing materials, foam drink cups and so on. Polystyrenes 
molecular structure is composed of benzene rings attached to a long linear carbon 
chain. It is made from monomer styrene. Its polymerization process is demonstrated 
in Figure 4.1. Because benzene is relatively stable and the conformat ion of the chain 
is very simple, polystyrene is chemically inert and resistant to acids and alkalis. 
styrene polystyrene 
Figure 4.1: Scheme of polymerization of polystyrene [78] . 
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4.2 Two-layer model and recent result by our group 
A significant amount of research has shown that the dynamic properties of poly-
mer thin film deviate from those of bulk. In polystyrene (PS) films coated on silicon, 
for example, as the film thickness is decreased to below 100 nm, the glass transi-
tion temperature ( Tg) decreases notably with decreasing film thickness [3, 4]. The 
mechanism of this phenomenon is still under debate. One popular explanation is the 
two-layer model [71]. In this model, polymer films are assumed to be composed of 
two layers. The top layer, found in some experiments to be several nanometers thick 
and located at the free surface, is more mobile than the bulk while the bottom layer, 
comprising the rest of the film, is bulk-like. 
In the previous experiments conducted by Yang et al. in our group [5], we found 
that the viscosity of PS films deviates from the bulk. The temperature dependence 
of viscosity of films with thickness from 2.3 nm to 79 nm is shown in Figure 4.2. To 
analyze the data, Yang et al. replotted the viscosity data in the form of TJ / h3 versus 
1/T in Figure 4.3. It shows that all the data for the films showing non-bulk like 
behavior fall into a straight line. This straight line follows an Arrhenius dependence: 
3TJ _ ( 65 p . . _3 ) ((-185 ± 3)kJ/mol) h 3 - 1 ± 7 a s m exp RT , ( 4.1) 
where R is the ideal gas constant. All the data for 2.3 :::::; h :::::; 9 nm films fall onto the 
Arrhenius line. As for the films thicker than 9 nm, they only follow the Arrhenius 
dependence at a low enough temperature, and those data that do not follow Arrhenius 
dependence all collapse into the bulk curve plotted in Figure 4.3. 
To explain this , Yang et al. introduced a two-layer model consisting of a homo-
geneous mobile layer at the free surface (with viscosity f/t and thickness ht) and a 
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Figure 4.2: Temperature dependence of viscosity of films with different thickness (sym-
bols). Dash line is the theoretical bulk value, solid line are the best fits of 
the Vogel-Fulcher-Tammann (VFT) relation ( rJ = rJoexp[B/ (T- T 0 )]) to the 
data [5]. 
bulk-like inner layer (with viscosity T/b and thickness hb = h - ht) · Figure 4.4 [79] is 
the schematic drawing of the two-layer model. The N a vier-Stokes equation was solved 
to find the flow pattern of the bi-layer under an applied uniform pressure gradient , 
\7 P , parallel to the film surface. By assuming the no-slip boundary condition at both 
the bottom and intermediate interfaces and zero interfacial tension between t he two 
layers, they found the velocity profile in the fluid , v(z), where z is the distance from 
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Figure 4.4: Schematic drawing of the two-layer model [79]. 
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the bottom of the film: 
-\lP 
v(z ) = --[z2 - 2(hb + ht)z] 
2rtb 
( 4.2a) 
( 4.2b) 
The total mobility of the film, Mtot , defined as (J
0
hv(z)dz)/(-\1P) [80], can be 
obtained by integrating the velocity profile from Equation 4.2 : 
(4.3) 
where hb and ht are the thickness of the bottom layer and top layer , respectively, 'r/b 
and 'r/t are the viscosity of the bottom layer and top layer, respectively. The first two 
terms are simply the mobility of individual layers (denoted by Mb and Mt below) if the 
other layer were absent. The third is a coupling term, which under the experimental 
conditions is found to be always negligible. So this result shows that Mtot "' Mb + Mt. 
From the measurement of PS films discussed above, Mtot is almost always dominated 
by either Mt or Mb. Recall that Mb = (h- ht)3 /(3rtb) and Mt = hU(3rtt)· Therefore, 
for very thick films , Mtot :::::' h 3 / ( 3rtb). As this is the mobility of a uniform film with 
thickness hand viscosity 'r/b, this implies that if 'r/b is the bulk viscosity the dynamics of 
the film would behave as bulk. But for very thin films where h -t ht , Mtot"' Mt and 
the dynamic property of the films would be very different from the bulk. The viscosity 
of the film can be deduced by rt = h3 / (3Mtot) [81, 82]. Following the two-layer model, 
the effective viscosity is written as [5]: 
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( 4.4) 
This relationship predicts that the measured viscosity of the PS films is obtainable 
by using the measured film thickness, Mt- l deduced from Equation 4.1, and the 
mobility of bulk polymer: Mb = h3 / (3 rJbulk) , where the bulk viscosity, 'r/bulk, can be 
found in published papers [83-85]. Yang et al. [5] proved that the two-layer model 
was able to predict the experimental viscosity of PS thin films remarkably well. 
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Chapter 5 
Thickness dependence of viscosity of Poly( methyl 
methacrylate)(PMMA) on silicon substrate 
5.1 Characteristic of PMMA 
5.1.1 Chemical structure and hydrogen bonding with silicon 
substrate 
Poly(methyl methacrylate) (PMMA) is a transparent thermoplastic. Its light and 
strong characteristics make it a good transparent glass substitute used for residential 
and commercial aquariums, aircraft windows, lenses of exterior lights of automobiles 
and so on. PMMA also has a good degree of compatibility with human tissue. It 
can be used for replacement intraocular lenses, bone cement in orthopedic surgery, 
dentures and so on. Its chemical structure is given in Figure 5.1. The hydrocarbon 
bond of PMMA has a strong tendency to form hydrogen bonds with silicon oxide 
substrate which is believed to be one of the reasons for the higher Tg of PMMA films 
as the film gets thinner [3, 4]. 
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Figure 5.1: Chemical structure of PMMA [86]. 
5.1.2 Hamaker constant of PMMA 
The interfacial interaction energy of the polymer film, G(h) , is an important fac-
tor in t he viscosity calculation in Section 2.3.4 (see Equations 2.35 and 2.36). For 
an air-polymer-substrate system, polymer film (medium 1) supported by a substrate 
(medium 2) in air (medium 0) , the most commonly used form for G(h) is approxi-
mated, assuming non-retarded van der Waals (vdW) interactions [87]: 
(5.1) 
where 
(5.2) 
and h is the film thickness and A1, A2 are the Hamaker constants of the polymer 
and the substrate, respectively. In our system, there is an additional layer between 
the silicon substrate and the polymer: 100 nm silicon oxide layer, which modifies the 
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I nterlayer (2) 
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Figure 5.2: Scheme of air-polymer-thermal oxide-substrate system [80]. 
G(h) relationship to [88-90]: 
A12 A12- A13 
G(h) = -121rh2 + 121r(h + d)2' (5.3) 
where d denotes the thickness of the silicon oxide interfacial layer. Figure 4.2 [80] 
illustrates the sample configuration. 
A paper by Zhao et al. [72] calculated the Hamaker constant of the four-layer 
system: air-polymer-thermal oxide-substrate system or air-polymer A-polymer B-
substrate system using the theory of Dzyaloshinshii, Lifshitz, and Pitaevskii (DLP) [91 , 
92]. The calculated Hamaker constant value was very close to the published value. In 
this method, they treated each medium (polymer, substrate, interlayer and air) to be 
an isotropic continuum, as was adopted by the DLP theory. In the DPL theory, vdW 
interactions are considered as a consequence of vacuum fluctuations and the excess 
energy of the interfacial layer is the result of confining the fluctuations in the film. 
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They calculated the vdW free energy by solving the electromagnetic normal modes 
of the system which satisfy the Maxwells equations and all applicable boundary con-
ditions. The harmonic oscillator energies were then set to the normal mode [92]. 
Following this approach, the excess free energy per unit area, G, of the four-layer 
system was found to be given by: 
(5.4) 
where i = J=I, W ( q, w) is the dispersion relation of the electromagnetic normal 
modes, qx and qy are the components of the electromagnetic mode wavevector parallel 
to the surface of each layer, kB is the Boltzmanns constant, ~n = (27rkbT/h)TJ are the 
frequencies to evaluate W (q, w), Tis the temperature, 27fh is Planck's constant, and 
the prime on the sum indicates that the n=O term is weighted half. More details 
about this calculation can be found at Zhao et al. 's paper [72]. 
The Hamaker constant of air-PMMA-Si02-Si system at different film thickness 
can be determined based on this method. To better determine the Hamaker constant 
of the air-PMMA-Si02-Si system, we varied the Hamaker constant and viscosity val-
ues, while keeping other parameters fixed, to fit the PSDs to the theoretical PSD-q 
relationship predicted by Equation 2.35. We used the chi-square parameter, the mean 
square deviation between the measured and calculated PSD obtained from the fits, 
to evaluate the quality of the fitting. Figures 5.3, 5.4, 5.5 show the chi-square pa-
rameter and viscosity versus Hamaker constant of PMMA films with h = 3 nm, 14 
nm and 87 nm. From the figures, one can see that the thinner films annealed at 
higher temperature are more sensitive to the value of the Hamaker constant than the 
thicker films annealed at lower temperature. So we used PMMA (Mn=2.5K) films 
supported by silicon substrate with thickness of 3 nm annealed at 150 octo find the 
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Figure 5.3: Chi-square and viscosity of PMMA (Mn =2.5K gjmol) films versus Hamaker 
constant in the fitting of Equation 2.35, 3 nm PMMA film annealed at 150°C. 
optimal Hamaker constant. In Figure 5.3, one observes that the optimal chi-square is 
1.31 times the theoretical Hamaker constant value, and the fitted viscosity value of a 
3 nm film annealed at 150 oc could be very different when assuming different values 
for the Hamaker constant. So finding the optimal Hamaker constant is very critical. 
Then we tried the factor of 1.31 of the theoretical Hamaker constant value to fit all 
the other films. It gave good fits with small chi-square. 
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Figure 5.4: Chi-square and viscosity of PMMA (Mn =2.5K g/mol) films versus Hamaker 
constant in the fitting of Equation 2.35, 14 nm PMMA film annealed at ll0°C. 
5.2 Thickness dependence of glass transition temperature 
of isotactic, atactic, syndiotactic-PMMA on silicon sub-
strate 
PMMA has three type of conformations: isotactic (i-PMMA), where the side 
groups (COOCH3 ) are on the same side of the carbon chain; syndiotatic (s-PMMA), 
where the side groups alternate regularly; atactic (a-PMMA), where the order of side 
groups on t he carbon chain is completely random. The tacticity is reported [8] to 
strongly affect t he thickness dependence of the Tg of PMMA films at an attracting 
surface. Table 5.1 [8] shows the published Tg values of i- , a-, s-PMMA on Si and Al 
substrates. The conformational characteristics of those PMMA samples are shown in 
Table 5.2 [8] . 
63 
Hi 
D viscosity 
-
• chisquare en A theoretical value 
ro 
1cf 1U
3 a> a.. 
'-
-
ro 
~ D D OJ D D ::::J 
:!::: C" en en 0 
..c (.) 
1cf ••• • • 1~(.) en > 
1if~----~--~--~----~--~1n5 
0.0 3.0X1 018 6.0X1 0y8 
Hamaker Constant (J) 
F igur e 5.5: Chi-square and viscosity of PMMA (Mn = 2.5K g/mol) films versus Hamaker 
constant in the fitting of Equation 2.35, 87 nm PMMA film annealed at l10°C. 
Table 5 .1 : PMMA on Si and Al substrates . The bulk Tg was measured by Differential 
Scanning Calorimetry. The thin film Tg was measured by ellipsometry [8] . 
1g (0 C) of the layer 
Tg of bulk onSi onSi onAl 
PMMA PMMA (0 C) h~ 35 run h~20run h .~40nm 
i-P~tMA 61 '90 ± 3 100± 2 100± 4 
a-PMMA 114 122 ±3 125 ± 3 128±4 
s-PMMA 131 120± 5 110± 4 122 ±5 
The dat a of Table 5.1 show that the Tg of i-PMMA increased about 30 oc to 
40 °C . And, the thinner the film , the more it increased. However the Tg of s-PMMA 
dropped by 10 oc to 20 ac compared to its bulk Tg. And, the thinner the film, 
the more its Tg deviat ed from the bulk Tg. The a-PMMA's Tg change is b etween 
these two. Its Tg increased as the film thickness decreased , but the t endency is 
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Table 5 .2: Characteristics of i- , a- , s-PMMA used in Table 5.l's study. The tacticity was 
measured by NMR [8]. 
tacticity (%)b Mn 
PMMA i.h:s oo- glmol) lvf,"./M0 Tg CCC) 
i-PMMA 97:03:0 37 1.21 61 
a-PMMA 7:29:64 30.5 1.19 114 
s-PMMA 0:20:80 33 1.05 131 
less than that of i-PMMA. The main reason behind this phenomenon is that the 
polymer-substrate interaction affects the mobility in the polymer thin films , and the 
strength of the interaction depends on the conformation of the polymer, especially the 
tacticity. Grohens et al. [8] used Infrared Reflection Absorption Spectroscopy (IRAS) 
to determine the absorbance due to the bonded carbonyls and the absorbance due to 
the free carbonyls, which corresponds to the intensity of interfacial interactions. The 
result showed that the interfacial interactions with s-PMMA decreased 30% for the 
thinnest layer. The free surface of the polymer thin films enhanced the chain mobility, 
and overcame the effect of interfacial interactions, which restricted the chain mobility 
at the interface. As a result, s-PMMA showed a lower Tg than the bulk. Following 
the same reasoning, the stronger interfacial interactions of i- and a-PMMA led to 
slowing down in the mobility of the films and resulted in a higher Tg . In our research, 
we choose a-PMMA to study the effect of the polymer-substrate interaction on the 
viscosity of polymer thin films . Figure 5.6 shows the measured thickness dependence 
of the Tg of PMMA (Mn =2.5K gjmol) used in our research. Its tacticity (i:h:s) of 
7:24:69 is similar to reported tacticity of the a-PMMA in Table 5.2 ((i:h:s) of 7:29:64). 
The tendence of its Tg change is also similar to the published values [8]. For h > 90 
nm, the Tg remain constant at 81 oc, the bulk Tg, while the Tg value is increased as 
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Figure 5.6: Glass transition temperature of a-PMMA (Mn =2.5K g/mol) versus film thick-
ness. 
the film thickness decreases. At the thinnest thickness we measured, h =15 nm, the 
Tg is about 5 oc higher than the bulle 
5.3 Thickness dependence of viscosity for PMMA films on 
silicon substrate 
We measured the viscosity of atactic PMMA films used in this thesis with thickness 
ranging from 3.2 nm to 86 nm and Mn = 2.5K g/mol and 12.4K g/mol. Given the 
Mw's, the polymers are unentangled. The measured viscosity versus temperature of 
these films is shown in Figures 5.7 and 5.8. The viscosity of the thickest films (h= 
86 nm for PMMA with Mn = 2.5K gjmol, and h = 76 nm for PMMA with Mw = 12.4K 
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gjmol) is in good agreement with the published viscosity of the bulk polymer [83]. 
In contrast, the viscosity of the thin films is significantly increased, especially at 
high temperatures. The thinner the film, the more the viscosity deviates from the 
bulk. This is consistent with the thickness dependence of the Tg of atactic PMMA 
films [8]. Based on Figure 5. 7, the thickness where the viscosity starts to deviates 
is about 10 nm. What is interesting about the 3.2 nm PMMA (Mn = 2.5K g/mol) 
is that its viscosity is higher than the bulk viscosity at high temperature , while at 
around 110 °C, its viscosity crosses the bulk curve. Below 110 ac, its viscosity relative 
to the bulk decreases with decreasing film thickness. We think the phenomenon at 
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Figure 5 . 7: Viscosity of PMMA films with different thickness ( 3.2 ::;;: h ::;;: 86 nm) plotted 
versus temperature (symbols). The solid line is the public theoretical viscosity 
for bulk polymer. PMMA with Mn = 2.5K gjmol. 
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high temperature is caused by the hydrogen bonds between the PMMA and silicon 
substrate that reduce the mobility of polymer chains close to the substrate surface 
and result in higher viscosity in thinner films. Regarding the decrease of viscosity 
of thinner films at low temperature, we initially thought that the film would form 
more hydrogen bonds at higher temperature, at which the slow layer close to the 
substrate dominates the mobility of the film. While at low temperature, we believed 
that fewer hydrogen bonds would be formed, resulting in the mobility of the film 
being dominated by the top free surface which is found to enhance the mobility of 
the polymer thin film [5]. To verify this hypothesis, we studied the residual layer 
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F igure 5.8: Viscosity of PMMA films with different thickness ( 3.2 :;( h :;( 86 nm) plotted 
versus temperature (symbols). The solid line is the published theoretical 
viscosity for bulk polymer. PMMA with Mw = 12.4K g/mol. 
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Figure 5.9: Residual layer thickness of 3 nm and h > 100 nm PMMA films (Mn = 2.5K 
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the 3 nm films annealed at 140 °C. Solid triangle symbol is the 3 nm films 
annealed at 100 °C. Open square symbol is t he 110 nm films annealed at 
140 °C. Open triangle symbol is the 104 nm films annealed at 140 °C. 
t hickness of 3 nm and 100 nm PMMA films at 100 oc and 140 °C. The result from 
Figure 5.9 revealed that the residual layer is independent of the initial film thickness 
and is also independent of temperature. This is opposite to the initial hypothesis and 
suggests that there are more complicated reasons behind it. 
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5.4 Use of the two-layer model to explain the PMMA data 
5.4.1 Determine the location of the slow layer in the film 
In Section 4.2, we described the two-layer model previously developed in our lab 
to explain the viscosity measurements of supported PS films. Here, I use this model 
to explain the viscosity of PMMA films supported by silicon substrate. The data of 
Figures 5. 7 and 5.8 show that the PMMA films have the same viscosity as the bulk 
polymer at large h, but a higher viscosity at small h. This suggests that one of the 
layers is bulk-like, while the other one is slower than the bulk. But whether the slow 
layer is located at the top or the bottom of the film is unclear. We attempt to use 
the two-layer model to determine the location of the slow layer. In this model, there 
are four major variables, thickness and viscosity of the slow layer , and thickness and 
viscosity of the bulk like layer. In order to compare all the possible cases, we assign 
the parameters with the same name. The thickness of the slow layer is designated 
by h *, h - h * is the thickness of the bulk-like layer, TJ* is the viscosity of the slow 
layer and T/bulk is the viscosity of the bulk layer. We discuss the following two cases 
respect ively. 
( 1) Case 1: Surface slow layer 
Based on the two-layer model, the effective viscosity of a polymer thin film is 
given by: 
(5.5) 
For the case where the slow layer is on top of the bulk-like layer, ht = h*, T/t = TJ* 
and T/b = T/bulk· By normalizing the viscosity, Equation 5.5 can be rewritten as: 
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77bulk 
[ ( ~~k) ( ~)' + ch- h')3 +,~3h'(h- h')h) r 
[1+ (~~~, -1) (~) r 
(2) Case 2: Substrate slow layer 
(5.6) 
Assuming the slow layer is at the bottom close to the substrate surface, we apply 
hb = h*, 77b = 77* and 77t = 77bulk to Equation 5.5 and get the normalized viscosity: 
We fit both cases to the experimental data of PMMA (Mn = 2.5K g/mol) thin films 
with different film thickness and molecular weight in Figure 5.10. For both lines, the 
77(h)/77bulk falls from 77* /77bulk at h* to the asymptotic value of 1 ash increases. In other 
words , the film's viscosity drops from 77* to 77bulk as the film thickness increases from 
h *. But the drop for the surface slow layer model is more rapid. This is because the 
location of the slow layer affects the details of the perturbation to the bulk-like velocity 
profile caused by the slow layer. Quantitatively, one can simplify Equation 5. 7 to be 
_77_ ~ [1+(77bu;k -1)(hh*)] - 1 in the limit of h >> h*. Compared with Equation 5.6, the 
TJbulk 17 
surface slow layer model evidently approaches 1 faster. Because this two-layer model 
(substrate slow layer) demonstrates a significantly better fit to the experimental data, 
we can conclude that the slow layer is located at the bottom, close to the substrate 
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Fig ure 5.10: Normalized viscosity of PMMA (Mn = 2.5K gjmol) fi lms annealed at 140 
°C versus film thickness. The symbols are experimental data. The solid line 
is the best fit to the two-layer model assuming a slow layer at the bottom. 
The dash line is the best fit to the two-layer model assuming a slow layer on 
the top [79]. 
surface. 
5.4.2 D escription of the temperature dependence of viscosity 
of PMMA films 
Given that the two-layer model can explain the viscosity data of the PMMA films 
annealed at the same temperature well , we would like to try this model on the viscosity 
data of various temperatures in Figure 5. 7. We first fit t he rJ of the thinnest film, 
3.2 nm, versus T to the VFT equation (see Equation 2.13), then vary the h* value 
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to fit the experimental data of films of thickness between 3.2 nm and 87 nm and at 
different temperature. We found h* = 2.5 ± 0.25 nm generated the best fit of films 
at high temperature (T > 110 oc) and the majority of the measured viscosities of 
5.3 nm and 7.8 nm PMMA films collapsed onto the hence calculated lines across the 
entire experimental temperature range (see Figure 5.11). However, for the films with 
thickness of 14 nm and 24 nm at low temperature (T < 100 oc), their viscosity data 
fall between the bulk line and the 3.2 nm line, but do not follow the lines extrapolated 
from the two-layer model. The viscosity of 41 nm films has the same value as the 
bulk polymer, which the two-layer model can not explain either. 
Motivated by the free surface theory in the PS system, we proposed a three-layer 
model: the film is composed of a free surface on top, a bulk-like layer in the middle, 
and a substrate slow layer at the bottom. Each has its own viscosity and thickness. 
This is illustrated in Figure 5.12. The free surface and substrate slow layer counteract 
with each other. At high temperatures, the slow layer dominates the mobility of the 
entire film. At low temperatures, the free surface dominates. Future research is 
needed to determine the parameters of the three-layer model. 
We use the same method to predict the viscosity of PMMA (Mw = 12.4K gjmol) 
films. The measured viscosity is in agreement with the prediction at high temperature 
(see Figure 5.13). The difference of viscosity among different thicknesses is trivial 
compared to that of PMMA (Mw = 2.5K g/mol) films at the same temperature. It 
may because the Tg of PMMA (Mw = 12.4K g/mol) is 34 oc higher than that of 
PMMA (Mw = 2.5K gjmol), we have to reach a higher measurement temperature to 
see the difference of viscosity for films with higher molecular weight. 
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lines are the predicted rt versus T relationship using the two-layer model. 
The dash line is the predicted rt value of 40 nm films using the two-layer 
model. 
5.5 Conclusion 
We studied how the interfacial interaction between the polymer and the substrate 
may affect the global dynamics of the entire film by using the two-layer model. After 
fitting the measured viscosity of PMMA thin films supported by silicon substrate to 
the two possible cases consisting of a bulk-like layer and a slow layer located at the top 
or bottom of the film , respectively, we can distinguish that the slow layer is located 
at the bottom, close to the substrate. At high temperature, the two-layer model is 
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75 
able to predict the temperature dependence of the viscosity of unentangled PMMA 
films at different thicknesses, assuming that the thickness of the substrate slow layer 
is temperature independent , and has a viscosity higher than the bulk. The thin film 's 
viscosity crosses over the bulk viscosity curve at a low enough temperature, and the 
viscosity continues to drop below the bulk viscosity, as the temperature continues to 
decrease. We proposed a three-layer model composed of a surface free layer, a bulk-
like layer and a substrate slow layer. The strong hydrogen bonds in the substrate slow 
layer dominate the mobility of the thin film at high temperature, while the surface 
mobile layer dominates the mobility of the thin film at low temperature. Further 
exploration of the mechanism and determining the model parameters needs to be 
done. 
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Chapter 6 
Dynamics of polymer thin film in a near-theta 
solvent 
This work has been published in Macromolecules: R. N. Li, A. Clough, Z. Yang, 
0. K. C. Tsui. Equilibration of Polymer Films Cast from Solutions with Different 
Solvent Qualities Macromolecules 2012 45 (2) , 1085-108g {93}. 
6.1 Good, bad and theta solvents 
The solvent quality plays an important role in determining the conformation of a 
polymer in a solution. We crudely classify solvents into 3 types: good solvent, bad 
solvent and theta (8) solvent. In a good solvent, the interaction between the polymer 
and the solvent is favorable and stronger than the internal interaction between poly-
mer segments. This results in a swollen conformation of the chains in good solvent 
with respect to the conformation of the chains in a melt. In a bad solvent , the effect is 
opposite: the interaction between the polymer and the solvent is unfavorable, which 
causes the chains to collapse with respect to that in a melt (i.e., the polymer without 
any solvent). A 8 solvent is the transition between a good solvent and a bad solvent, 
in which the interaction between the polymer and the solvent and that between the 
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polymers have the same strength. By making use of the fact that solvent quality 
is a strong function of temperature, we can adjust the solvent quality by changing 
the temperature at spin-coating, and consequently, get a series of polymer films with 
different conformations. I will discuss this in detail in the experimental part. 
6.2 Solvent quality and polymer conformation in the film 
The conformation of polymers from solvent wit h different qualities will impact 
the conformation of polymers in the as-cast films through the spin-coating process. 
In particular , the polymers are more compact in a bad solvent, so the inter-chain 
penetration is expected to be smaller than the melt at equilibrium. Furthermore, 
during spin-coating, the rapid vertical shrinkage of volume from a solut ion to a t hin 
film forces the polymers to form an oblate conformation. This can potentially lead 
to a residual in-plain stress in t he film and alter t he aging behavior of spun-cast films 
below the Tg [9- 11]. Recently, Raegenet al. [10] studied t he aging rate of polystyrene 
(PS) films made through the spin-coating process from solutions composed of good 
to near-theta solvents. They found that t he aging process dramatically speeds up as 
t he theta condition was approached . On the microscopic level, the entanglement of 
the film increases as the e temperature is approached, while on the other hand t he 
size of the residual in-plane stress is expected to decrease. This result shows that the 
effect of entanglement on t he aging behavior dominates that of the residual stress in 
films prepared at a near-theta condition . 
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6.3 Motivation: solvent quality may affect the dynamics of 
polymer films 
The fact that the preparation temperature during the spin-coating process can 
affect the solvent quality suggests that we can change the conformation of the polymer 
by changing the preparation temperature. We envision that this can affect how films 
reach equilibrium in two diametrically opposite ways. For the films spun-cast at low 
temperatures, the polymer chains in the films overlap little. The lesser degree of 
entanglement can, on the one hand , cause the dynamics to speed up. On the other 
hand, the chain 's conformation is farther away from the equilibrium conformation so 
it may take a longer time to reach the equilibrium state. In the present study, we shall 
examine which effect dominates. In addition, we shall also examine whether the newly 
equilibrated films have the same dynamic properties. This is motivated by a previous 
study by our group [12] , in which the polymer (polystyrene) chains were found to 
adsorb irreversibly to t he (silicon) substrate. If t he binding between the polymer 
and substrate occurred before equilibration completed , part of the initial, out-of-
equilibrium polymer conformation might be locked-in and affect t he final equilibrium 
state. 
6.4 Experimental section: Preparing films at different tem-
peratures 
We used two solvents to prepare the polymer solutions: toluene (a good solvent) 
and decalin (a PS solvent with a theta temperature, 8 , of ca. l6 ac). The concentra-
tions of the solutions were between 0.4 wt% and 0. 7 wt%. As discussed above, the 
solvent quality plays a critical role in determining the size of the polymer coils prior to 
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Figure 6.1: Schematic of polymer coil conformations upon spin-casting for temperature 
above (right-most), equal (middle) and below T = 8 (left-most). The open 
white circle indicates a fully entangled chain in equilibrium. N is the number 
of monomers in the polymer chain [10] . 
spin-coating and thereby the degree of deformation and density of entanglement the 
polymer chains may adopt upon spin-coating (see Figure 6.1 [10] for an illustration). 
The expansion factor, a, is commonly used to quantify the solvent quality, and is 
defined as: 
a= (6.1) 
where R and Ro is the radius of gyration of the polymer in the solution and melt, 
respectively. Typically, the solvent quality, hence, a, decrease as the solution tern-
perature, T, decreases. Figure 6.2 shows how a changes with solution temperature 
for the solvents we are studying. The relation between a and T is given by: 
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Figure 6.2: The expansion factor , a, for the radius of gyration of PS in toluene and decalin 
versus solution temperature. The theoretical lines are given by Equation 6.2 
with s = 4, N = 9.6 x 10- 4 Mw, where Mw = 212 kg/mol in this experiment, 
- 1/ 6 
and amin = 2.41Mw . 
- a -a +-- = - -1 1 [ 14 ( 3 5) 2a~in ] e 
O" 3N cx~in 3cx3 T ' (6.2) 
where O:mi n is the expansivity in the fully collapsed state. In Equation 6.2, O" = 
1 - !:lS/kB, where kB is the Boltzmann constant and !:lS is the entropic change 
associated with segment-segment interactions. The number of chain segments, N, 
according to Sun's study [94] is 9.6 x 10-4 Mw for PS, with Mw being the molecular 
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weight of the polymer. In t his experiment, we study PS/decalin films made in t he 
temperature range of 16 ac to 60 ac and PS/toluene solution spun-cast at room 
temperature. Within the temperature range in our study, a varies between 1.0 and 
1.2 in decalin solut ions. For PS/toluene film made at room temperature, a is 1.4. 
Prior to spin-coating, t he polymer solutions were placed in a water bath with 
the desired temperature for at least 12 hours. Because the substrate was in contact 
with the spin-coater while we made the film, we assumed that they had the same 
temperature. To bring t heir temperature to a desired temperature that was above 
the room temperature, we adjusted the distance between the spin-coater chuck and 
an incandescent lamp, and waited until temperature equilibrated. But if the desired 
temperature was below room temperature, we adjusted the time dry ice was placed 
in the proximity of the spin-coater before spin-coating. All films were fabricated at 
the same thickness of 14 nm determined by ellipsometry. 
6.5 Result on the equilibration time of films prepared at dif-
ferent temperature 
6. 5.1 Relaxation time 
A typical set of PSDs and the corresponding fitted values of TJ at different annealing 
times , t , is shown in Figure 6.3 and Figure 6.4, respectively. In the latter, one can 
identify three dynamic regions of the films: (1) the glass-to-rubbery transition region 
(the first 4 solid circles, from left to right), where the polymer undergoes the glass-
to-rubber transition and the elastic modulus decreases continuously from the glassy 
to the rubbery value; (2) the rubbery state region (the 3 open circles in the middle 
of the plot) , which is identifiable with the t ime range (see Figure 6.3) over which 
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Figure 6.3: Power spectral density of a 14 nm PS/decalin film spun-cast at 20 °C upon 
annealing at 130 °C for various times (open circles). The solid lines denote 
the least-square fit of the data to Equation 2.35. 
the PSDs overlap or do not evolve with time. In this region, the shear modulus, /-to , 
of the polymer is related to the parameter 'TJ by I-to TJ/2t [23]; (3) the liquid state 
region (the 4 solid circles on the right), where the PSDs evolve with time again and 
the parameter TJ reaches a stable value and is identifiable with the viscosity of the 
film. For the film studied in Figure 6.4, we can see that it crossed over to the liquid 
state at about 10,000 s and its liquid-state viscosity was about 108 Pa·s. 
Figure 6.5 shows the fitted value of rJ at different annealing times for films spun-
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Figure 6.4: Fitting parameter rJ versus annealing time for the PSDs in Figure 6.3 . Open 
symbols are the values of rJ deduced from the rubbery state where the PSDs 
overlap. The solid line is the best of fit of the data in the rubbery state to the 
equation J-Lo = ryj2t. The dashed line is the best fit of data where rJ saturates 
to a constant value [93]. 
cast from decalin prepared at 16 °C, 25 oc and 60 °C. It is obvious that in the rubbery 
state (open symbols), f-lo systematically increases as the preparation temperature 
increases. (This is perceivable from the relation, rJ = 2p0 t , with which the more the 
data shifts vertically up, the bigger the value of f-lo is.) After the rubbery state (solid 
symbols on the right) , rJ first increases with time. This finding is in agreement with 
a previous study showing a progressive increase in the entanglement density [38, 95]. 
84 
Hf 
-(tf-ct-c\ - -- - -- --
.-. 
en 
co , t 0... 107 ._. ~ T y y 
60°C • 
1cf t • 25°C 
• 16°C 
Hi 1o' Hf 1cf 1cf 
Time (s) 
Figure 6.5: Fitted value of TJ plotted as a function of time for PS/Decalin films spun-cast 
at 16 °C, 25 °C and 60 °C. 
After a sufficiently long t ime, 7J either reaches a stable value or drops dramatically 
before it saturates. The later behavior was only found in the PS/decalin film spun-
cast at 16 oc (=8) , and reproducible in another film prepared at 16 °C. We determine 
the equilibration time, T , by fitting the data to the straight line 7J _ 2f.J,0 t before the 
steady state and the highest 7J value obtained in the experiment (as shown by the 
solid and dash lines, respectively, in Figure 6.5) and identifying T as the time where 
the two lines intersect. The results are plotted in Figure 6.6 as 1/T versus t. First we 
notice that the equilibration time for all the films are longer than the reptation time 
for bulk PS (~1600 s, as determined by ry/2f.L0 of bulk polymer). This is in keeping 
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F ig ure 6.6: Reciprocal of the equilibration time as a function of the temperature of the 
solution from which the films were spun-cast. The solid line is a guide-to-the-
eye. The dashed line denotes the expansion factor of PS in decalin, namely, 
the ratio of the coil size of PS in decalin compared to that in a melt [94]. 
with the above observation that equilibration of as-cast films requires re-entanglement 
of polymer chains to increase the entanglement density, and consequently, needs a 
longer time to equilibrate. Furthermore, the equilibration time of PS / decalin films is 
increased (or 1/ r is decreased) as t emperature gets lower, with a dramatic increase at 
the 8 temperature. In comparison to the films spun-cast from a toluene solution, the 
PS/ decalin films prepared at temperatures above room temperature have a similar 
relaxation time. 
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6.5.2 Understanding the result in terms of the shear modulus 
observed of the films 
To gain insight about why the equilibration time, T, increases with decreasing 
preparation temperature, T, we plot the dependence of 2p,0 and TJmax on the prepara-
tion temperature in Figure 6.7(a) and 6.7(b), respectively, where TJmax is the highest 
value of TJ we attained in the experiment. These plots show that 2p,0 decreases but 
'f/max increases with decreasing temperature. A lowering in 2p,0 indicates a slowing 
down in the temporal growth of t he PS films while a bigger TJmax means that a longer 
time is required to reach the steady state given the same 2p,0 • Both effects con-
tribute to a longer equilibration time. The slowing down in the temporal growth of 
PS films is probably caused by the increasing difficulty for the chain to interpenetrate 
as the chains in as-cast films are more collapsed when T gets lowered towards the 8 
temperature. A second factor contributing to a lowered 2p,0 at lower Tis the solvent 
concentration, ¢8 , at which the film vitrifies during spin-coating. Specifically, a higher 
value of ¢s leads to bigger spacing between neighboring polymer chains and hence 
less inter-chain penetration in the final cast film. The relationship between ¢s and 
the vitrification temperature, Tv, is given by the following modified Fox equation [10]: 
(6.3) 
where Tv in here is the preparation temperature, T , T8 is the glass transition temper-
ature of the solvent, and all temperatures are in Kelvin. For the decalin used in this 
experiment, Ts is 137K . By substituting all the parameters to Equation 6.3 , one can 
see that the lower the preparation temperature, the higher the value of ¢s would be. 
Taken together, both smaller polymer coil size and higher solvent concentration at 
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Figure 6 .7: (a) (upper panel) 2t-to or drJ / dt calculated from the rJ - t data in the rubbery 
state before rJ saturates versus preparation temperature. (b) T he maximum 
value of rJ (rJmax) attained in experiment, versus preparation temperature. 
The solid lines are the data of the PS/ toluene films obtained at room temper-
ature [93] . 
88 
vitrification found for films prepared at lower temperatures contribute to less inter-
penetration between chains and hence smaller values of the plateau shear modulus, 
6.5.3 Understanding the result in terms of the 'T/max observed 
of the films 
The reason for the increasing Tfmax with decreasing T may not be easily perceiv-
able. Fujii et al. [12] found that PS adsorbed irreversibly onto silicon (with or without 
a thermal oxide capping layer). The presence of strong pinning between the polymer 
and substrate can prevent the polymer chains from attaining the equilibration con-
formation. We envisage that as the polymer coil size decreases at low temperatures, 
the contact area and hence pinning per chain with the substrate would get smaller 
(see Figure 6.8). Therefore , the films prepared at low temperatures may be able to 
re-entangle more and reach a higher TJmax. 
T>S 
Temperature 
Figure 6.8: Schematic showing the different conformations adopted by the polymer chains 
(thick red curved lines) on the substrate (black straight line) at different tem-
peratures about the 8 temperature. The greater contact area between the 
polymer chains and the substrate at higher temperature is expected to cause 
the chains to be pinned more strongly to the substrate. 
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F igure 6.9: Thickness of the residual film as a function of preparation temperature (sym-
bol). The dashed line represents the expansion factor , o: , of PS in decalin [93] . 
In order to determine whether the polymer-substrate pinning differs among films 
prepared at different temperatures, we measure the preparation temperature depen-
dence of the thickness of the residual or permanently adsorbed polymer film that 
might form on the substrate surface. The result is shown in Figure 6.9. It is clear 
from the figure that the thickness of the residual layer drops dramatically as the e 
temperature is approached from above. This is consistent with the picture described 
above, in which the pinning strength should drop as the preparation temperature is 
decreased past the 8 temperature (Figure 6.8). 
It is interesting that while the 16 oc film's TJmax is much higher than that of 
the other films prepared at higher temperatures, its steady-state viscosity is actually 
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smaller, attributable to the distinctive collapse exhibited by its rJ vs t plot just before 
equilibrium (Figure 6.5). We do not have a good explanation for this result. We 
speculate t hat it may be due t o the onset of slip in the film. As discussed above, the 
coil size in the 16 oc film is smaller than the other films , so the grafting density of 
the pinned layer could be bigger initially. As the chains equilibrate and re-entangle, 
at one point t he pinned layer may get overcrowded, and the strain that builds up 
may be big enough to cause some of the pinned chains to break off from the substrate 
and slip atop the remaining pinned layer. Such an occurrence of slip can cause the 
16 oc film to have a lower apparent viscosity than the films that do not slip (or slip 
less) [37]. 
6.6 Conclusion 
We discovered t hat the equilibration time of spin-cast polymer films supported by 
a substrate upon annealing above Tg is significantly affected by the quality of solvent 
the film is cast from. In particular, the solvent quality gets worse as the temperature 
gets lower. When the preparation temperature is reduced towards t he 8 temperature, 
the equilibration time is found to increase dramatically. Two factors contribute to this 
phenomenon: a decrease of p,0 and an increase of rJmax with decreasing temperature. 
The decrease of p,0 is caused by reduced entanglement in a film composed of polymers 
with a smaller chain size and having a higher solvent concentration at vitrification. 
The increase of rJmax is attributed to the presence of fewer pinning sites per chain in 
contact with the substrate, which allows the chains tore-entangle more and thereby 
reach a higher value of rJmax· 
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